It is believed that the dynamics of dislocation processes during the deformation of nanocrystalline materials can only be visualized by computational simulations. Here we demonstrate that observations of dislocation processes during the deformation of nanocrystalline Ni with grain sizes as small as 10 nm can be achieved by using a combination of in situ tensile straining and high-resolution transmission electron microscopy. Trapped unit lattice dislocations are observed in strained grains as small as 5 nm, but subsequent relaxation leads to dislocation recombination.
Plastic deformation of crystalline materials is mainly carried by the generation, motion, interaction, storage, and annihilation of dislocations. These line defects connect two areas of a crystal that are sheared with respect to each other by an atomic translation called the Burgers vector. Atomistic simulations of 3D structures find that when grain size is reduced to deep nanoscale, i.e., with grain sizes typically less than 30 nm, only partial dislocations are emitted from grain boundaries of metals, which then glide through the grain and are absorbed at the opposite side of the grain [1] [2] [3] . Simulations also find that for very small grain sizes (approximately below 10 nm) plastic deformation is mostly carried by grain boundaries [2,4 -6] . In order to investigate the deformation mechanisms of nanocrystalline materials, several in situ transmission electron microscopy (TEM) observations have also been performed [7] [8] [9] . Based on the contrast changes observed in the bright field TEM mode, it has been suggested [7, 9] that dislocation mediated plasticity still plays a dominant role in the deformation of nanocrystalline Ni with a grain size less than 20 nm. However, no determination of the Burgers vectors was performed in these earlier experimental studies, although it is a critical issue for assessing the validity of the results from molecular dynamics simulations [1] [2] [3] . Additionally, knowledge of Burgers vector is needed as input into experiment-based models that are used to predict how dominant deformation mechanisms change when the grain size is below a critical value from being controlled by normal slip of unit dislocations to being controlled by partial dislocation activity, [10] . Also, the above observations apparently contradict previous postmortem TEM results [11] , which failed to detect any evidence of dislocation activity in deformed nanocrystalline Ni with an average grain size of about 28 nm. To rationalize this discrepancy, Yamakov et al. [3] have suggested that extended dislocations can exist inside a nanoscale grain under very high stress and that the removal of this stabilizing stress would lead to the absorption of these partial dislocations by the grain boundary sources from which they originally nucleated. Unfortunately, traditional TEM sample preparation methods, such as mechanical thinning followed by ion thinning or twin-jet electropolishing inevitably result in relaxation of the stresses associated with the prior deformation. Hence, it is difficult to verify the intriguing predictions of these computational and theoretical studies. The current paucity of experimental data on the nature and the dynamics of dislocation activity in nanocrystalline metals critically limits the understanding of the deformation behavior and mechanical properties of these interesting materials.
The nanocrystalline Ni used in this study was synthesized by pulsed laser deposition with a nominal thickness of 150 nm [12] . TEM observations [ Fig. 1(a) ] indicate that the as-deposited Ni consists of roughly equiaxed grains with random orientations [electron diffraction pattern inset in Fig. 1(a) ]. Statistically significant measurements using dark field TEM images [ Fig. 1(b) ] reveal a narrow, lognormal grain size distribution, ranging from several nm to 23 nm with an average grain size of about 10 nm [12] . High-resolution electron microscopy (HREM) shows that most of the grains are separated by high-angle grain boundaries. Furthermore, no additional grain boundary (GB) phases, porosity, or intergranular microcracks were detected in these high-quality samples.
In order to address the challenging problem of observing the microstructure of nanocrystalline Ni in a stressed state, a special sample design as used in Ref. [12] was adopted. The room temperature in situ tensile experiments were performed on a JEOL 3010 TEM with a single-tilt straining stage, which is operated at 300 kV with a point-to-point resolution of 2.1 Å . The loading process was controlled by applying pulses of displacement, and after each of the pulses the sample was held under stress for observation. After several initial incremental loading steps, a main crack as well as some branch cracks nucleated and propagated from the tip of the precrack. Areas in the plastically deformed zone ahead of these branch cracks were chosen for TEM observation because these areas experience significant local thinning during deformation, perhaps with just one grain through the thickness in some of these areas. Unlike the traditional TEM sample preparation techniques, where the thin areas are first prepared with ion thinning or electropolishing and then transferred to TEM for observation, the thin areas investigated in this work were freshly produced by the deformation in the high vacuum environment and therefore are less likely to be affected by contamination or other artifacts induced by sample preparation.
In order to detect trapped dislocations as well as to determine their Burgers vectors, HREM images of the strained samples were taken after they became sufficiently stable during the holding periods. Inspired by the results from molecular dynamics simulations [13] and the deformation twinning observed in aluminum, Chen et al. [10] proposed a dislocation model which predicted the existence of a critical grain size d c , below which the deformation mechanism would change from one controlled by unit dislocations to one controlled by partial dislocations and twinning. According to this model, the critical grain size for Ni is about 11-22 nm [12] . Therefore, partial dislocation and/or twinning activities were expected to be prevalent in this experiment, where the average grain size in the sample was about 10 nm. However, neither partial dislocations nor deformation twinning have been identified thus far in the HREM images we have taken from these nanocrystalline Ni films after tensile loading. The lack of such evidence suggests that deformation twinning may not be generally present in nanometals, but rather is restricted to the special cases of high-pressure loading techniques, such as indentation, rolling, and high-pressure torsion [10,14 -16] .
However, trapped lattice dislocations were frequently detected in the deformed grains. An example HREM micrograph of two of these trapped dislocations is shown in Fig. 2(a) . In the lower grain, a trapped dislocation in the vicinity of a GB can be clearly seen. The position of the dislocation is marked with a white T . Figure 2(b) depicts an inverse fast-fourier-filtered (IFFT) image of the region framed by the dark box in Fig. 2(a) . The inset in Fig. 2(b) is the corresponding fast-Fourier-filtered (FFT) image, which confirms that the approximate electron beam direction is close to a h110i direction for this grain. Local Burgers circuits were employed to determine the Burgers vectors of the dislocations in the HREM images. For the [110] zone axis image projection in Fig. 2(b) , the measured displacement vector of the trapped dislocation is a 4 h112i. Crystallographic analysis shows that this image is consistent with an actual Burgers vector of b a 2 h110i, a unit dislocation of the fcc lattice on a f111g plane. A dislocation can also be seen in the middle of the upper grain in Fig. 2(a) with cross-sectional dimensions of approximately 5 nm 10 nm. Figure 2(c) is an IFFT image of the area marked by the white square in Fig. 2(a) , reconstructed using the spatial frequencies of the (200) planes.
As mentioned above, the grains in the areas studied were under stress during the displacement holding periods and dislocations were trapped in them. The sample is expected to relax to a lower energy state by structural changes. It is conceivable that this relaxation would lead to the rearrangement of these trapped dislocations. To study this process, a series of HREM images of a given stressed area that contained trapped dislocations was collected after a displacement pulse. Example HREM images extracted from such a dynamic sequence, which was taken over a relaxation period of 86 sec, are shown in Figs. 3(a) and 3(b). The strong ripple contrast in these figures may be taken as an indication that the area was experiencing substantial strain.
The locations of these trapped dislocations can be clearly identified from the IFFT images corresponding to Figs. 3(a) and 3(b) , as shown in Fig. 3(c) and 3(d) , respectively. A comparison of these images indicates that the dislocations marked with dark T 's experienced no apparent displacement during the relaxation period, while those dislocations marked with white T 's moved and rearranged. Using the dislocations marked with dark T 's as reference, the upper two dislocations marked with white T 's annihilated during the relaxation period. The two lower dislocations marked with white T 's moved closer to each other during this time interval. The shrinkage and eventual annihilation of the trapped dislocation segments during this holding period in the nanocrystalline Ni confirm the prediction [3] that dislocations are most likely to be observed only when the grain is in a stressed state. However, it is inappropriate to equate the experimental observation here directly with behaviors observed during molecular dynamics simulations. Because of their subnanosecond time scale, molecular dynamics simulations can only capture the start of the deformation and thus exclude certain timedependent processes. In contrast, due to the intrinsic stability requirements for imaging, the HREM observations only reveal the dislocation dynamics of the final state of the deformation. Efforts are still needed to uncover the entire process of dislocation dynamics in nanocrystalline materials.
The relaxation process during the holding periods was very slow. At each time step of this process, the sample was in a quasistatic condition and the forces exerted on each dislocation were almost under equilibrium. Therefore, the dislocation activities in this relaxation process would be sluggish, somewhat akin to a creep process. The time interval between two states of the relaxation process illustrated by Figs. 3(a) and 3(b) was 86 sec. From the figures, we can see that distance between the two lower dislocations marked with white T 's shortens only 1.5 nm.
In summary, we have demonstrated that observations of dislocation dynamics can be achieved by exploring a combination of in situ deformation and in situ HREM observation. The detection of trapped dislocations in grains as small as 5 by 10 nm confirmed that the as-deposited nanocrystalline Ni may exhibit very high yield strength. Deformation twinning may not be in general possible except for high-pressure loading techniques. Unlike the molecular dynamics simulations, which can only capture the very early part of the deformation of nanocrystalline materials, the results reported here only capture the final state of the deformation. Therefore, further efforts are necessary to reveal the entire process of nanocrystalline materials deformation. 
